The presence of hydrostatic pressure is a general crucial characteristic of severe plastic deformation methods for reaching high strains and for introducing large quantities of lattice defects, which are necessary to establish new grain boundaries. Insights into the processes occurring during deformation and the influence of hydrostatic pressure are necessary to help better understand the SPD methods. A special experimental procedure was designed to simulate the hydrostatic pressure release: High pressure torsion (HPT)-deformed microstructure changes related to the release of hydrostatic pressure after the HPT deformation of copper and nickel were studied by freezing the sample before releasing the pressure. High-resolution in-situ X-ray diffraction of the heating process was performed using synchrotron radiation in order to apply X-ray line profile analysis to analyze the pressure release. The results on copper and nickel generally indicated the influence of hydrostatic pressure on the mobility and interaction of deformation-induced defects as well as the resulting microstructure.
Introduction
Severe plastic deformation (SPD) imposes strains up to several orders of magnitude, which can be provided by special deformation techniques and tools. In addition to the principles of conventional plastic deformation, the presence of hydrostatic pressure is a key characteristic of most SPD methods. It is usually achieved with special tool designs that prevent the material from free flow. Additionally, iterative folding and deformation sequences feature a hydrostatic pressure component to some extent. All together these allow very high strains to be achieved, and subsequently enable the generation of extremely high amounts of lattice defects, which are responsible for grain fragmentation down to submicron-or even nanometer-scale.
The hydrostatic pressure also affects intrinsic material properties such as the Young's modulus and the flow stress, and in [1] was estimated to increase the flow stress by 15% per 1 GPa pressure. In this adaption of a large-strain work hardening model [2] [3] [4] , the enhanced hydrostatic pressure also increases the enthalpy of vacancy migration, which affects the annihilation of edge dislocations via its increment. Thus, a certain hydrostatic pressure p induces an extra work (p Ω) when a vacancy migrates through the lattice (Ω is the atomic volume), which increases the vacancy migration enthalpy.
Thus, during the high-pressure torsion deformation process, the vacancy mobility is reduced and therefore the dynamic defect annihilation processes are as well. Furthermore, after the release of the hydrostatic pressure the migration enthalpy decreases again and the accumulated defects become more mobile and may interact and also annihilate.
This was proven for the case of Cu and Ni after high-pressure torsion deformation in [5] [6] [7] , where microstructural parameters determined by X-ray line profile analysis (XPA) showed considerable changes before and after releasing the hydrostatic pressure.
Materials and Methods

In Principle Considerations
It is generally experimentally difficult to observe the evolution of the microstructure during the high-pressure torsion (HPT) process-both quantitatively and qualitatively. This can be circumvented by exploiting the consideration that lowering the temperature has a similar influence on the defect mobility as applying hydrostatic pressure.
The mobility of vacancies is estimated to depend on exp(− δH 0 kT ), where δH 0 is the enthalpy of vacancy migration of the material at ambient pressure, k is the Boltzmann constant, and T is the temperature. When applying a hydrostatic pressure p, this enthalpy δH 0 has to be replaced by
where Ω is the atomic volume. Now, one may vary the Arrhenius exponent (− δH kT ) by applying either pressure p or changing temperature T. When T 0 is room temperature, we can draw a pressure-to-temperature equivalence according to Equation (1) and the Arrhenius exponent as
This non-linear correlation is shown in Figure 1 for the investigated materials. The values of the vacancy migration enthalpy at ambient conditions δH 0 were taken from [8, 9] and were reduced to about 1/3 of the original values because vacancies in highly strained lattices are much more mobile by dislocation core diffusion, as was determined for Cu and Al in [2, 10] . Note that for all figures in this publication, the hydrostatic pressure (release) is drawn on the x-axis as obtained by this equivalence.
Based on this background, the microstructural state can be "frozen" by cooling down the sample after the torsional deformation, but before releasing the hydrostatic pressure. The warming to room temperature during the investigation by means of X-ray diffraction corresponded to the pressure release at room temperature.
Materials and Methods
In this work Cu 99.99% and Ni 99.99% were investigated due to their role as "model" materials for the principle investigation of plastic deformation and the connected microstructural evolution. There are many well-understood post-deformation investigations on these materials, allowing us to focus on the changes originating from the pressure release.
Disc-shaped samples were deformed by high-pressure torsion (HPT) at 4 GPa and/or 8 GPa at room temperature by 1 and 1.5 rotations, respectively. The resulting strains γ torsion at the investigated position of the samples were 25 and 35, respectively, where
N is the number of rotations, R is the radius of the investigated sample position, and d is the sample thickness. The most essential part of the deformation process was that after this torsional deformation under hydrostatic pressure, the pressure was maintained during cooling after the rotation was stopped. The sample together with the deformation tool was cooled down by liquid nitrogen. Then, at that temperature the pressure was released and the sample was exported cold to a liquid nitrogen transport/storage dewar and kept there until the X-ray diffraction experiment (thus ensuring that no changes in the microstructure occurred upon the pressure release ≡ temperature increase).
A self-designed cooling chamber was set up at the High Energy Materials Science beamline (P07) at PETRA III (HEMS), DESY, Hamburg. A procedure was developed to transfer the cooled sample from the liquid nitrogen bath onto the already-cooled low-temperature LINKAM TMS90 stage without intermediate warming-up and/or icing. The cooling stage could keep a minimum temperature of about 90 K. After the transfer and awaiting the thermal equilibrium (~1 min), diffraction patterns were recorded (1-2 s exposure time) by a two-dimensional Perkin Elmer XRD 1621 flat panel detector during a controlled increase of the temperature at a rate of 10 K/min up to room temperature. The X-ray energy and wavelength were 50 keV and 0.0248 nm, respectively. The X-ray beam size was 100 µm × 200 µm and the sample to detector distance was about 2.7 m and was refined during the integration method of the Debye-Scherrer ring sectors using the FIT2D-software package.
Evaluation
X-ray Line Profile Analysis (XPA)
The method of X-ray line profile analysis (XPA) has been developed as a powerful tool for the characterization of microstructures either in the bulk or in loose-powder materials. The diffraction modeling and evaluation procedures as well as the experimental possibilities and techniques have been significantly improved. The new generation of X-ray generators, enhanced focusing and monochromatizing techniques, and last but not least the sources of the highly brilliant synchrotron radiation allow investigations even in highly distorted and/or plastically deformed materials at high temporal and spatial resolution. The ideal narrow diffraction patterns show numerous deviations which are related to the microstructure of the material, and are the subject of peak profile analysis. These deviations include: (i) Peak broadening, which originates from the finite sizes of crystallites and the presence of microstrains (-stresses), strain (stress) gradients, and/or chemical heterogeneities.
(ii) Anisotropic peak broadening (including asymmetric peak shapes) arising from anisotropic crystallite shape, anisotropic strain, long-range internal (third order) strains (stresses), planar faults, or chemical heterogeneities [11] [12] [13] [14] [15] [16] .
According to the kinematic theory of scattering, diffraction profiles result from the convolution of the size (S) and distortion (D) profiles. The Fourier transform of this is the Warren-Averbach equation [17] :
in terms of Fourier coefficients A i (L), L being the Fourier length. One of the main challenges related to this equation is the way in which the size of Fourier coefficients, A S (L), and the mean square strain,
g,L > takes into account that the contribution of a dislocation to strain broadening depends on its "contrast"-that is, the relative orientations between the diffraction vector g and the line and Burgers vectors of dislocations, l and b, respectively, in a similar way as the contrast of dislocations in electron microscopy. The anisotropic contrast can be described by contrast factors C, which can be calculated numerically on the basis of the crystallography of dislocations and the elastic constants of the crystal [17, 18] . The expression for the strain Fourier coefficient then reads as:
where b is the Burgers vector, ρ is the dislocation density, and R e is the outer cut-off radius of a dislocation. State-of-the-art profile analysis uses physical modeling of the experimental data by least squares optimization algorithms [19] [20] [21] . Thus, it is possible to fit to the lower-order Fourier coefficients evaluated from the experimental data or even to compute the real space functions from the Fourier space models describing the broadened peaks. These functions are then fitted to the real space measured data directly. The latter method was applied in this work, whereas the starting fit parameters were varied in a wide range and the most frequent physical results with the lowest mean square error were considered [22] .
As a result, the following fitting parameters describe the state of the material in terms of size and strain: the median m and variance σ of a log-normal function describing the size distribution of the coherently scattering domains (CSDs), the smallest volume representing a perfect, purely coherent scattering crystal. It should be noted that bimodal distributions and non-spherical crystallite shapes can also be modeled. Additionally, one obtains for the dislocation structure: the parameter q describing the average dislocation contrast, the dislocation density ρ, and the outer cut-off radius R e , characterizing the extension of the strain field of the dislocations.
Results and Discussion
In the presentation of results and their discussion hereafter, the following expressions will be used to describe the sample/material treatment and condition:
Loaded state: The material was deformed by high-pressure torsion to a certain strain, then the torsion was stopped but the hydrostatic pressure was maintained-experimentally, this "deformed state under pressure" was conserved by cooling down the sample with liquid nitrogen, releasing the pressure after cooling, and then keeping it cooled there until the diffraction experiment.
Unloaded state: This refers to after the hydrostatic pressure was released-the material was slowly warmed from liquid nitrogen to room temperature-the in-situ diffraction experiments investigated this phase.
Copper
In Figure 2 the Williamson-Hall (WH) plot [23] and the modified Williamson-Hall (mWH) plot [24] are shown for the HPT-deformed copper at 4 and 8 GPa, respectively. Note that "p = 0 GPa" indicates the sample state after releasing the hydrostatic pressure (≡unloading). For the ∆K-values the integral breath of the line profiles was evaluated rather than the full-width at half maximum (FWHM) because the broadening of the peaks by dislocation-induced microstrains did not have a Gaussian character, but rather a Lorentzian one. The width obtained by the FWHM would thus be underestimated. In Figure 2 the qualitative effect of crystallite size (small size) and microstrain on the broadening of the X-ray line profile can be well identified. With the WH-plot, the strong elastic anisotropy of copper reveals a strongly non-monotonous increase of the ∆K versus K, where K = 2 sin θ/λ. When considering the elastic (strain) anisotropy in the mWH plot by taking the average dislocation contrastC into account, the width ∆K usually followed a monotonous behavior, where the slope was qualitatively proportional to the microstrain (amount of dislocations) and the intersection at K = 0 was inversely proportional to the crystallite (domain) size. Distinguishing the sample state under hydrostatic pressure (4 and 8 GPa) and after pressure release (0 GPa), the differences of the two measures can be seen in Figure 2b ,d: the slope/curvature for the loaded sample state (under 4 and 8 GPa, respectively) was higher as compared to the unloaded state (0 GPa), which is equivalent to a higher dislocation density; the intercept of the curves with the y-axis at K = 0 indicates a somewhat larger domain size after unloading. This average size could be obtained easily from the intersection byd = 0.9/∆K 0 and yielded following values: 63 nm in the loaded and 69 nm in the unloaded state after 4 GPa, and 60 nm and and 65 nm, respectively, after 8 GPa deformation. This is in good agreement with previous investigations [6, 7] . For better illustration of the principles of the method in Figure 2a , the integral breadths ∆K were measured when heating further to 475 K. In this highly strained material the deformation-induced defects were completely annealed/recrystallized; this has been investigated extensively by differential scanning calorimetry [25, 26] . In Figure 2a it is obvious that the intercept at K = 0 was much lower (growth of the domain size), the slope became quite smooth, and the non-monotonous behavior vanished, even in the classical WH plot, indicating the annihilation of dislocations due to the unloading/annealing treatment. In Figure 3 the corresponding log-normal size distribution of the coherently scattering domains obtained by convolutional multiple whole profile evaluation (CMWP) is shown [21] . From the median m and the variance σ, the area-weighted mean domain size was determined by x area = m exp(2.5σ 2 ) [27] and indicated by the symbols. The values correspond nicely to the average sizesd as determined by the modified Williamson-Hall analysis. In the following Figure 4 , the referred domain sizes relate to this measure. The size distribution of the coherently scattering domains resulting from the convolutional multiple whole profile evaluation (CMWP) fit for copper after HPT deformation at 4 (a) and 8 GPa (b), respectively."p = 0 GPa" denotes the sample state after the pressure release (unloading).
To put this peak-breadth-based analysis into perspective, one only has the first in-situ study of high-pressure torsion deformation by synchrotron radiation by Kilmametov et al. [28] . Copper powder was deformed and compacted by a constrained high-pressure torsion setup and the increase of the full width at half maximum (FWHM) was monitored by high-energy X-ray diffraction in situ. The relative change of the peak widths was up to 30% and grain refinement was then determined by TEM. The increase in the peak breadths compared to the present investigation was lower due to the lower hydrostatic pressure of about 500 MPa, but also showed a tendency of relaxation when the deformation was stopped.
The evolution of the domain size during the unloading process investigated by in-situ diffraction is shown in Figure 4a ; please remember that the pressure values drawn on the x-axis relate to the temperature as obtained from Equation (2) . While the initial values during HPT deformation at 4 and 8 GPa did not differ strongly, the relative change when unloading the pressure was more interesting: while with 4 GPa deformation the size increase was about 2 nm (which started quite "late" at an unloading pressure of about 1 GPa), the 8-GPa-deformed sample showed a size increase of about 4 nm, beginning to grow at about 2 GPa. This behavior also agrees with the different evolution of the dislocation densities shown in Figure 4b , where the decrease for 8 GPa similarly started earlier and was stronger, while the initial dislocation densities were equal. This in principle means that the defect mobility not only depends on the effective migration enthalpy H e f f but also on internal stresses related to the defect structure, evolving somewhat differently with different applied hydrostatic pressures. This more stress-intensive arrangement of the defects could be identified by the outer cut-off radius of the dislocations shown in Figure 4c , which measures the extension of the dislocation strain field. The dislocation arrangement parameter M in Figure 4d is related to the cut-off radius of the dislocation density, and as both values determine the stored energy of a dislocation arrangement, a higher M value corresponds to higher internal stresses-another driving force during the unloading process.
The remaining physical parameter obtained from the profile analysis is related to the dislocation contrast; q in Figure 4e is related to the dislocation type and did not significantly change overall, while it was somewhat different for 4 and 8 GPa. Based on the theoretical q-values obtained in [18] for pure edge and pure screw dislocation, the screw/edge fractions could be determined from the experimental values. From Figure 4f it is obvious that this also did not change when unloading the pressure, while after HPT deformation at 8 GPa the dislocations had a somewhat stronger edge character. 
Nickel
In Figure 5 the Williamson-Hall analysis of the "loaded" and "unloaded" states of Ni after HPT deformation to a strain γ torsion = 35 at 4 and 8 GPa, respectively, is shown. In the conventional Williamson-Hall plots the elastic strain anisotropy is again obvious, although it is visibly weaker than with copper in Section 3.1. This is in perfect correspondence with the values of the anisotropy parameters A i [29] for Cu and Ni, which are 3.21 and 2.54, respectively. Qualitatively higher ∆K-values were evident after 8 GPa HPT deformation, and here also a principally stronger difference between "loaded" and "unloaded" states is apparent in the modified Williamson-Hall plot in Figure 5d , while after 4 GPa deformation the two curves in Figure 5b nearly coincide. The sample state after annealing at 498 K in Figure 5a indicates-as shown previously with copper-a vanishing of microstrains and thus also of strain anisotropy. For the average domain size, the behavior was similar: negligible difference ford in "loaded" and "unloaded" states at 4 GPa deformation (59 and 62 nm, respectively); and somewhat more after 8 GPa (54 and 59 nm). This in principle also agrees with the area-weighted mean domain sizes x area resulting from the CMWP analysis, indicated by the symbol within the distribution curve. While for copper in Figure 3a and here for nickel deformed at 4 GPa (Figure 6a) , the size distributions of the "loaded" and "unloaded" states were quite comparable. The difference of the size distributions of Ni deformed at 8 GPa was prominent: both distributions-"loaded" and "unloaded"-were generally broader than all before, and the curve for the "unloaded" condition was remarkably shifted to higher sizes. For this reason,the x area -values for the 8 GPa deformation differed considerably from thed-values resulting from the simple Williamson-Hall analysis: the "loaded" and "unloaded" x area s were 46 and 53 nm, respectively. Considering again the continuous investigation during the unloading process shown in Figure 7 , the features found with the Williamson-Hall analysis were also observed with the further measures. While the evolution of the coherently scattering domain size of nickel in Figure 7a was quite similar to that of copper, the difference after HPT deformation at 4 and 8 GPa was about a factor of two.More drastic differences can be observed in Figure 7b for the dislocation density, where values more than 50% higher for the HPT deformation at 8 GPa as compared to 4 GPa can be seen, while for copper at both pressures the initial values were about the same. The symptomatic earlier annihilation of dislocations for 8 GPa closely followed the case of copper again. The situation for the outer cut-off radius R e and the dislocation arrangement parameter M was drastically different: here in nickel, the two measures were larger after the 4 GPa deformation, which is the opposite to the case of copper. This means that in nickel the mutual strain field screening of dislocations was larger after 8 GPa deformation even when the dislocation density was much higher, which may be connected to its higher stacking-fault energy as compared to copper. There may be an easier rearrangement of non-split dislocations through its better mobility as compared to split-dislocations. This corresponds to previous findings of the different dislocation structures of copper and nickel [30, 31] after conventional deformation. The earlier beginning of the dislocation annihilation with the 8 GPa deformation, as compared with 4 GPa, may then be connected to the much higher absolute value of dislocations as well as the proportionally greater number of generated vacancy-type defects, which were stored under the high pressure. Regarding the contrast parameter q and the corresponding fraction of edge and screw dislocations, the difference in pressure and the change during unloading was negligible, within about two times of the experimental error (size of symbols). This means that the same fractions of screw and edge dislocations were annealing during the unloading; this again is a similar behavior as observed in Copper, connected to a mobility change for all defects. 
Conclusions
The effect of releasing the hydrostatic pressure reported in [5] [6] [7] was reproduced successfully in this work, supplementing the previous findings even with detailed monitoring of the microstructure during the steady release. This could be performed for copper and nickel after deformation at hydrostatic pressures of 4 and 8 GPa, respectively. Both materials showed considerable or strong effects upon the pressure release, and there was an observable influence of the extent of the hydrostatic pressure. The relative change of the dislocation density as well as its arrangement was about 10%-15%-this is a remarkable amount, especially when considering the microstructure's influence on the strength of the material. This coincides with the differences found between the in-situ HPT-torque flow curves and the post-deformation strength by hardness measurement.
While for copper the dislocation density did not change as dramatically after deformation at higher pressure, in nickel the increase was rather pronounced. Furthermore, nickel showed no fundamental change in the dislocation arrangement (mutual screening of dislocation extension field) during and after unloading, whereas in copper a change in the arrangement was quite pronounced and also differed considerably with different deformation pressures. Nevertheless, both materials showed earlier defect mobility/annihilation after an 8 GPa deformation. The reason for this behavior is related to the discussed microstructural differences.
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